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Designing multi-layer graphene-based assemblies
for enhanced toughness in nacre-inspired
nanocomposites
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Polymers reinforced with multi-layer graphene (MLG) phases are

promising candidates for new materials with high modulus,

strength and toughness. Drawing inspiration from nacre's layered

“brick and mortar” structure, here we propose molecular scale de-

sign strategies to improve the mechanical performance of MLG–

polymer layer-by-layer nanocomposites. We present a coarse-

grained molecular dynamics (CG-MD) study of interfacial failure

mechanisms of MLG domains embedded in a polyĲmethyl

methacrylate) (PMMA) matrix through pull-out simulations. Our

simulations reveal two distinct deformation and failure mecha-

nisms that greatly influence the toughness and energy dissipation

of the system: pull-out failure, which occurs along the MLG–PMMA

interface, and yielding failure, which occurs within the graphitic

phase through the sliding of staggered graphene sheets. For any

length of the graphitic assembly, the energy dissipated per layer

from MLG yielding is greater than that of MLG pull-out. Theoretical

continuum analysis further reveals that there exists a critical num-

ber of layers of graphene, beyond which the failure mode changes

from yielding to pull-out. Our modeling framework provides effec-

tive strategies to design graphene–polymer layered nano-

composites with optimal toughness, and advance the mechanical

performance of nanomaterials.

Introduction

The optimization of diametric properties such as strength
and toughness is an important step towards designing novel
materials with high mechanical performance. This is a natu-
rally challenging task for many applications, such as nano-
electronics and structural protection,1,2 as strong materials

often exhibit low fracture toughness and vice versa, which
categorically limit their engineering applications.3 To over-
come this issue, we can draw inspiration from biomaterials,
which can optimize strength and toughness via unique hier-
archical architectures that can dissipate significant amounts
of energy under loading.4 For example, nacre, which is abun-
dantly available in the inner layer of mollusk shells, features
a layer-by-layer arrangement of soft organic polymers and
hard aragonite platelets that form a nanoscopic ‘brick-and-
mortar’ structure.5,6 This layered nanostructure – through
various proposed mechanisms such as transfer of shear
stresses,6 confinement of cracks upon reaching the polymeric
matrix,5 resistance to shear from frictional asperities,7 and
pull-out of the crystalline platelets – preserves the strength of
the stiff crystalline plates, while having toughness that is or-
ders of magnitude higher than its constituents.

Considerable efforts have been engaged in designing high
performance nanocomposites that employ a layer-by-layer as-
sembly or similar lamellar structures, mostly involving
polymer-clay or ceramic (e.g. alumina) microphases.8–10 The
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Design, System, Application

Graphene, in addition to its impressive thermal and electrical
transport properties, is a promising structural material with
remarkable stiffness and strength. However, to harness graphene in
load-bearing applications, its low fracture toughness must be over-
come. A promising strategy is to use layered nanocomposite architec-
tures found in natural materials such as nacre, which are known to
have high toughness due to their ability to dissipate tremendous
amounts of energy under large deformation. However, to fully utilize
this design strategy, nanoscale mechanisms that govern mechanical
properties of graphene-based nanocomposites must be understood.
Using multi-scale molecular models of multi-layer graphene and poly-
mer nanocomposites, we probe these molecular failure mechanisms as
a function of design parameters such as interfacial interaction and
graphene nanostructure configurations. Our work lends key insight
into structural failure mechanisms broadly pertaining to multi-layered
assemblies of 2D nanomaterials with polymers, and provides guide-
lines on optimal design of such nanocomposites.
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focus has recently been turned to graphene and its deriva-
tives such as graphene oxide (GO) to take advantage of their
exceptional strength and modulus.10–15 The layered structur-
ing of graphene nanocomposites is advantageous in many
ways. For one, the intercalation of polymeric domains with
hard graphene-based sheets can significantly increase its me-
chanical properties while retaining the ductility of the poly-
mer matrix.16–18 Moreover, the brick-and-mortar arrangement
of graphene within a staggered multi-layer graphene (MLG)
architecture can dramatically improve the toughness of
graphene-based nanocomposites. This is due to their self-
healing van der Waals interfaces, which allow MLGs to dissi-
pate significant amounts of energy upon large deformation,19

in stark contrast to single continuous graphene sheets that
undergo brittle failure.14,20,21 A recent study has illustrated a
proof-of-concept demonstration of MLG for armor applica-
tions, where micro-scale projectile experiments established
the superior energy dissipation capacity of MLG compared to
conventional protective materials such as steel and Kevlar.2

In order to harness the superior properties of nacre-
inspired graphene structures in polymer nanocomposites, it
is crucial to understand the interfacial mechanics between
staggered graphene layers and polymer layers. Although prior
studies have investigated the interfacial shearing mecha-
nisms of other fibrous materials such as carbon and glass fi-
bers,22,23 cellulose nanocrystals and fibers,24–26 and single
and multi-walled carbon nanotubes,27–30 the interfacial shear
responses that occur between polymer matrices and stag-
gered 2-D materials such as MLGs remain to be fully ex-
plored. As such, the present study aims to characterize the
interfacial shearing mechanisms of layer-by-layer MLG and
polymer assemblies to optimize the design process of me-

chanically robust materials. Taking the advantages of our
recently developed coarse-grained molecular dynamics
(CG-MD) models of MLG31 and polyĲmethyl methacrylate)
(PMMA),32 we design a nacre-inspired layered architecture of
MLG–PMMA nanocomposites (Fig. 1a) as recently studied in
experiments and simulations.12,33 Utilizing the developed CG
techniques and by performing pull-out test simulations, we
are able to characterize the interfacial behaviors of the
designed system as well as identify critical sizes of MLG that
govern deformational behaviors. We discuss these results in
the context of theoretical framework based on continuum
mechanics models and CG-MD simulations, and present ef-
fective optimization strategies to design mechanically robust
nacre-inspired polymeric nanocomposite systems.

Simulation methods
Overview of coarse-grained models

The nacre-inspired nanocomposite consists of a layered
nanostructure of CG PMMA and graphene models (Fig. 1b).
The CG graphene model follows a 4-to-1 mapping scheme,
where 4 carbon atoms are represented by one CG bead. The
hexagonal symmetry of the atomic lattice is conserved to cap-
ture the interlayer shear response between graphene, includ-
ing superlubricity effects. The CG force-field is developed
based on a strain energy conservation approach, and the de-
veloped MLG model has been shown to quantitatively capture
complex mechanical properties such as tensile and shear
modulus, and failure properties.10,31 For the CG PMMA
model, we employ a two-bead mapping scheme for each
monomer with one bead representing the backbone group
and the second bead representing the sidechain methyl

Fig. 1 (a) Computational design of nacre-inspired layer-by-layer assembly of multi-layer graphene (MLG) and polyĲmethyl methacrylate) (PMMA)
nanocomposites. (b) All-atomistic (AA) to coarse-grained (CG) mapping schemes for graphene (top) and PMMA (bottom). (c) Illustration of the
microscopic picture of the nanocomposite system under loading. (d) Schematic setup of PMMA–MLG system investigated in our study. The MLG
consists of discrete sheets stacked in a staggered configuration. H (∼20 nm) is the thickness of the polymer layer, L is the total or embedded
length, and N is the number of layers of graphene sheets in the MLG phase.
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group. The bonded interactions, including bond, angle and
dihedral potentials, are parametrized using the inverse
Boltzmann method (IBM)34 to match the atomistic probabil-
ity distributions. The non-bonded interactions take the form
of a 12-6 Lennard-Jones (LJ) potential, and are parametrized
to capture the bulk density, glass transition temperature Tg
and elastic modulus that are in good agreement with experi-
ments. The resulting CG models of MLG and PMMA are
roughly 2–3 orders of magnitude more computationally effi-
cient than the corresponding atomistic models. Detailed pro-
cedures for developing the CG models can be found in our
original publications.31,32

Coarse-grained molecular dynamics simulations

The investigated system consists of one PMMA layer and one
MLG layer, which constitute a representative volume element
(RVE) in the microscopic layered nanocomposites (illustrated
in Fig. 1c). Fig. 1d shows the setup of the simulated system.
The PMMA layer with a thickness of H ∼ 20 nm consists of a
block of polymer chains with a chain length of 100 mono-
mers per chain. The MLG layer consists of varying number of
layers N of graphene with two discrete finite graphene sheets
per layer; the sheets are stacked in a staggered architecture
with an overlap ratio of 50% and an overlap length Lo of
∼12.5 nm. The total length L of the system is thus ∼50 nm
in the y axis. The width of the system is ∼10 nm in the x
direction. Periodic boundary conditions (PBC) are applied in
the x and z directions and non-PBC are applied in the y direc-
tion. The non-bonded interaction between graphene and
polymer is captured by the LJ potential:

(1)

where εgp is depth of the potential well for graphene–polymer
interaction (we call it the interfacial interaction strength) and
σgp (= 4.5 Å) is the point where the potential energy function
crosses zero. The cutoff distance rc of the interaction is cho-
sen to be 15 Å. We set εgp to be 0.8 kcal mol−1, resulting in an
interfacial energy of ∼0.15 J m−2 which is comparable to ex-
perimentally reported values.28 Previous studies have demon-
strated that the interfacial interaction strength εgp strongly
influences the interfacial shear mechanics between polymer
and graphene. To generalize our results, we take εgp as a tun-
able parameter and predict interfacial behaviors for different
εgp values based on our simulation characterizations and the-
oretical analysis. Varying εgp can be experimentally achieved
through the surface functionalization of graphene as in the
case of GO.

To investigate the interfacial mechanics and deforma-
tional behaviors of the MLG–PMMA nanocomposite, we per-
form steered molecular dynamics (SMD) simulations. All sim-
ulations are carried out using LAMMPS.35 The energy of the
system is first minimized using the conjugate gradient algo-
rithm. The system is then equilibrated through a dynamics

run for ∼2 ns at 300 K. During the SMD simulation, one edge
of the graphene sheet at each layer in the MLG is pulled by
applying a force F generated by a stiff harmonic spring: F =
kSMD [vt − yĲt)], where kSMD = 1000 kcal mol−1 Å−2 is the spring
constant and v = 0.0001 Å fs−1 is the pulling velocity. Our pre-
vious work has shown the adopted spring constant and veloc-
ity to be reasonable in determining accurate force readings
from SMD simulations.19,36 All SMD simulations are carried
out at a temperature of 300 K, and therefore the PMMA layer
is well below its glass transition temperature (Tg) of about
380 K as measured from our simulations. Throughout the
SMD simulations, we confine the PMMA layer on both sides
of the y-axis by a repulsive harmonic potential wall in the x–z
plane. The reason for applying the wall is to keep the layered
geometry and prevent large deformations in the PMMA phase
during MLG pull-out test, ensuring clean interfacial shearing
between MLG and PMMA phases. This is similar to the con-
straints applied on the polymer matrix by fixing polymer
atoms as reported in previous pull-out simulation studies.37

This is reasonable as the force contribution from the defor-
mation of a glassy polymer matrix is negligible compared to
that arising from the graphene–polymer interface. It should
be noted, however, that the polymer deformation becomes
significant when the graphene–polymer interfacial interac-
tion is very strong or when the temperature is close to or
above the Tg, and thus this assumption needs to be revisited
accordingly.

Results and discussion

We first discuss the tensile properties of multi-layer graphene
(MLG) with a staggered architecture. The simulation details
have been reported in our previous study,19 and we present a
brief summary of our key results here, as they serve as a ra-
tionale for our design and analysis of MLG–PMMA nano-
composites. For MLG, tensile stress is transferred through
shear between graphene sheets in adjacent layers, which
makes the overlap length Lo an important parameter. Both
the tensile stress σm and the effective modulus Em can be pre-
dicted by the continuum shear-lag model:38–40

(2)

(3)

where is a parameter that represents

the length scale over which most of the stress is transferred
in the graphene–graphene interface, Eg (∼ 950 GPa) is the
Young's modulus of an individual graphene sheet, G (∼ 1
GPa) is the shear modulus of the interface, hg (= 3.35 Å) is
the thickness of each graphene layer, and γcrs (0.35) is the crit-
ical interlayer shear strain. The values of these fundamental
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parameters are defined based on the properties of the CG
model, and thus they are not variable fitting parameters. To
validate the shear-lag model predictions, we performed uni-
axial tensile simulations on MLG to obtain σm and Em as a
function of Lo. Our simulation results are shown in
Fig. 2a and b, respectively (the inset in Fig. 2a illustrates the
schematic of the tensile simulation). The shear-lag model
predictions (solid lines) are in good agreement with the
CG-MD simulation results (diamond markers). Both σm and
Em increase with increasing the overlap length Lo and then
reach a plateau. The strength σm saturates as Lo is beyond
∼3l, corresponding to a value of ∼17 nm. The elastic modu-
lus Em also saturates at a slightly larger overlap length of ∼40
nm and converges to the Eg of individual graphene sheets.

Next, we calculate the interfacial shear strength τs between
the graphene and polymer through pull-out test simulations
of a single small graphene flake on top of a polymer layer.
During the pulling process, a spring force is applied to one
end of the graphene sheet and the atoms of the bottom poly-
mer layer are fixed (inset in Fig. 2c). The interfacial shear
strength τs can be obtained from the stress–displacement re-
sponse as shown in Fig. 2c. At the critical displacement of
∼10 Å, the shear stress reaches the maximum point corre-
sponding to τs ∼ 0.11 GPa. As displacement increases, the
shear stress starts to decay. This arises from a static-to-

dynamic transition in the stick-slip friction, where strength is
always higher in the first slippage event. This constitutive
interfacial behavior is similar to those observed in the fiber
pull-out experiments. The interfacial shear stiffness K can be
determined from the initial slope of the stress–displacement
curve as shown in Fig. 2c. We have also calculated τs with
varying the interfacial interaction strength εgp between
graphene and polymer (Fig. 2d). Our results indicate that the
value of τs increases with increasing εgp with nearly a linear
scaling relationship for the range of values tested. The inter-
facial interaction parameter can be tuned by surface modifi-
cations on graphene, and this results simply shows that in-
creasing the interfacial energy will result in greater shear
stiffness and shear strength.

We address two questions pertaining to the interfacial me-
chanical response of the MLG–PMMA layered nano-
composites: (1) what are the failure mechanisms of such lay-
ered nanostructure systems? (2) What are the strategies of
optimizing the toughness of such systems? To answer these
questions, we carry out pull-out simulations on our MLG–
PMMA nanocomposite system to get insight into the interfa-
cial properties. Our simulations reveal two different modes of
failure: a pull-out mode which corresponds to MLG–PMMA
interfacial failure in the case of thicker MLG assemblies, and
a yielding mode which occurs within the MLG through the

Fig. 2 (a) Tensile strength σm and (b) effective elastic modulus Em of MLG as a function of overlap length Lo from tensile deformation simulations
(inset). The solid lines are prediction from the shear-lag model. (c) Shear stress–displacement curve from pulling tests on a small single graphene
sheet interacting with a polymer layer (inset). (d) Interfacial shear strength τs as a function of interfacial interaction strength εgp between graphene
and polymer. The dashed line shows the linear fit of the data.

Molecular Systems Design & Engineering Communication

Pu
bl

is
he

d 
on

 2
3 

M
ay

 2
01

6.
 D

ow
nl

oa
de

d 
on

 2
/1

3/
20

25
 1

:5
0:

32
 A

M
. 

View Article Online

https://doi.org/10.1039/c6me00022c


44 | Mol. Syst. Des. Eng., 2016, 1, 40–47 This journal is © The Royal Society of Chemistry 2016

sliding of staggered graphene sheets (Fig. 3a). This observa-
tion is also schematically illustrated in Fig. 3b. We observe
that for a given interfacial interaction strength εgp and em-
bedded length L, the failure mode of MLG changes from
yielding to pull-out as the number of layers N increases. This
is quantitatively shown in the force–displacement (F–d)
curves from our simulations (Fig. 4a). As N increases, peak
force initially increases until it saturates after a critical num-
ber of layers, Ncr. This indicates the transition of failure
modes from yielding to pull-out occurring at Ncr. The peak
force remains constant for large N since the pull-out force is
independent of the number of layers and instead depends on
interfacial shear properties between graphene and PMMA.
For all F–d curves, we observe an initial increase in force,
followed by a gradual decay upon transitioning from static to
dynamic friction.

The failure mode transition as a function of N can also be
predicted from continuum theory. Neglecting the force con-
tribution from the axial deformation of polymer (polymer
stiffness is two orders of magnitude lower than that of MLG),
the force per unit width F required to propagate interfacial
crack along the MLG–PMMA interface can be determined
from the continuum fiber pull-out model:41

F = F∞ tanh(αL) (4)

where is a length scale parameter governing the

shear stress transfer along the MLG–PMMA interface, Em and
h (= N × hg) are the modulus and thickness of MLG, respec-

tively, and is the maximum pull-out force per unit

width at an infinitely large L. By knowing the tensile strength
σm of MLG and F, the critical condition for each failure mode
can be determined by solving the force balance equation:

2F∞ tanh(αL) = σmNh (5)

where the factor 2 is needed to account for the upper and
lower MLG–PMMA interfaces. Numerically solving eqn (5) for

Fig. 3 (a) Snapshots of the SMD pulling simulations for MLG yielding failure mode (top) and MLG pull-out failure mode (bottom). (b) Schematic of
the different failure modes identified in the simulations.

Fig. 4 (a) Force–displacement curves from the SMD pulling
simulations for varying number of graphene layers N. (b) The
normalized work of fracture per layer (W/N) as a function of N. The
dashed lines show the trend. The different color regions correspond to
different failure modes as identified in the simulations.

Molecular Systems Design & EngineeringCommunication

Pu
bl

is
he

d 
on

 2
3 

M
ay

 2
01

6.
 D

ow
nl

oa
de

d 
on

 2
/1

3/
20

25
 1

:5
0:

32
 A

M
. 

View Article Online

https://doi.org/10.1039/c6me00022c


Mol. Syst. Des. Eng., 2016, 1, 40–47 | 45This journal is © The Royal Society of Chemistry 2016

N yields a critical number of layers Ncr of graphene in MLG
that governs the mode of failure. MLG yielding occurs when
N ≤ Ncr, corresponding to the point where maximum axial
pulling force F reaches the tensile strength σm of MLG, and
pull-out occurs when N > Ncr. Eqn (5) also implies that in ad-
dition to N, τs (which is directly related to εgp, see Fig. 2d)
and L are also key parameters that govern the modes of the
failure. For our simulations, we study a specific system (εgp =
0.8 kcal mol−1 and L = 50 nm), for which the theoretical value
of Ncr is 4. These theoretical predictions are in excellent
agreement with our simulation results, as shown in Fig. 4b.
The different color regions indicate yielding and pull-out
modes identified in the simulations, respectively. The transi-
tion from yielding to pull-out appears to occur around four
or five layers, beyond which there will be a drop in the total
dissipated energy per number of graphene layers.

From simulations and theoretical predictions, it is clear
that failure modes have a great impact on energy dissipation
in the nanocomposite system, which directly controls the
toughness. Fig. 4b shows the results of the work of fracture
(W) normalized by N for different N, which corresponds to
energy dissipation per layer. We observe that W/N is maxi-
mized at N values that are in the yielding regime. This is be-
cause the yielding mode of failure involves the sliding of
graphene surfaces – precisely due to the staggered architec-
ture of the MLGs – which can dissipate tremendous amount
of energy upon tensile loading. In recent supersonic ballistic
experiments by Lee et al.,2 it has been demonstrated that the
energy dissipation of MLG is roughly an order of magnitude
higher than protective materials such as steel and Kevlar.
Our recent study also shows that by arranging the MLG in a
staggered architecture, the energy dissipated through inter-
layer sliding can be manifolds higher than that of continuous
sheets that fail due to covalent bond breaking.19 By contrast,
in pull-out mode, the work required to fracture the interface
between MLG and PMMA is mainly governed by the surface
energy, which is weakly dependent on N and strongly depen-
dent on interfacial interaction strength εgp. Therefore, as N
increases beyond Ncr, W/N decreases with increasing N
(roughly following a scaling of 1/N as shown by the dashed
curve), indicating a loss in energy dissipation efficiency upon
entering the pull-out failure regime.

Given the reasonable agreement between continuum the-
ory and simulations, we can use theory to extend this analysis
to arbitrary values of L and εgp to understand how Ncr will de-
pend on these parameters. Using data we have on the shear
strength and shear stiffness as a function of εgp for different
values of L, we can predict the critical number of layers Ncr

as a function of L for εgp. As shown in Fig. 5, the value of Ncr

increases initially with the length L, and then saturates at
very large L ∼ 400 nm. This saturation effect at large L is due
to the non-uniform shear stress distribution along the MLG–
PMMA interface as predicted by the continuum model. In-
creasing εgp will increase Ncr for a given value of L. However,
the length scale where Ncr starts to saturate is almost invari-
ant with εgp. Considering these effects, tuning key parameters

N, L and εgp is central for designing systems with superior
toughness.

Our results provide several potential strategies to optimize
performance of graphene-based nacre-inspired nano-
composites. As graphene nanocomposites are often strong
but brittle, we may employ MLG components and tailor N to
be below Ncr to optimize energy dissipation, which triggers
yielding failure and therefore increases the toughness of the
nanocomposite. This may be achieved by dispersing larger
aggregates of MLG, for instance by sonication or other pro-
cessing methods. The greater energy dissipation capacity of
MLG-based nanocomposites may make them preferable over
more brittle nanocomposite systems such as carbon nano-
tube (CNT)-based nanocomposites when toughness is a key
criterion. Additionally, we may tailor N to be above Ncr such
that the graphene–polymer interface would be the yielding
area, allowing for the graphene layer to remain intact even at
large deformations. This may have some advantages in appli-
cations where the graphitic phase needs to remain intact
even at large deformation to maintain good thermal/electrical
properties. Ncr can also be tailored by changing the overall
length of the system L, and of course, energy dissipation can
generally be enhanced by increasing εgp via methods such as
surface functionalization. For systems with very large L, MLG
yielding may eventually lead to fragmentation of the continu-
ous layers into short fibers, which then promote further en-
ergy dissipation via pull-out in a cascade fashion. This is a
more complicated scenario that would involve evolutionary
models, but the current study already lays out the foundation
for tackling these issues.

In addition to shear-related mechanisms, other factors
may contribute to the mechanical performance of graphene
nanocomposites as well. For instance, nanoscale interphase
formation can significantly influence the chain dynamics of
the confined polymer, as observed in many studies.42–46 In
the MLG–PMMA system, this implies that thermomechanical
properties such as Tg and modulus can be tuned by modify-
ing the polymer thickness H and interfacial interaction
strength εgp through surface functionalization. Additionally,

Fig. 5 Theoretical prediction of the critical number of layers Ncr of
graphene in the MLG as a function of total length L for different
interfacial interaction strength εgp (unit in kcal mol−1). The solid
diamond data set highlights the specific interfacial interaction strength
that was studied in our simulations.

Molecular Systems Design & Engineering Communication

Pu
bl

is
he

d 
on

 2
3 

M
ay

 2
01

6.
 D

ow
nl

oa
de

d 
on

 2
/1

3/
20

25
 1

:5
0:

32
 A

M
. 

View Article Online

https://doi.org/10.1039/c6me00022c


46 | Mol. Syst. Des. Eng., 2016, 1, 40–47 This journal is © The Royal Society of Chemistry 2016

strain localization within MLG and fracture behavior of poly-
mers can affect bulk mechanical properties, along with crack-
propagation mechanisms and the overall distribution of the
phases. Particularly, large deformation behavior of the poly-
mers may become very important when the interfacial shear
strength is greater than the strength of polymer. This could
be achieved by the covalent crosslinks at the interface leading
to strong interfacial interactions. While our investigation into
the interfacial properties is by no means exhaustive, it pro-
vides a good starting point for establishing strategies to har-
ness the dissipation mechanisms intrinsic to multi-layer
graphene for diverse engineering applications. We anticipate
that the models developed here could also be extended to
other multilayer fillers, such as cellulose nanocrystals and 2D
nanomaterials.47,48

Conclusions

In summary, we have investigated interfacial mechanical be-
haviors of nacre-inspired MLG–PMMA layered nanocomposite
systems by performing pull-out simulations using coarse-
grained molecular dynamics (CG-MD) approach. Our simula-
tions uncover two different deformation and failure mecha-
nisms, which greatly influence the toughness and energy dis-
sipation of the system: pull-out failure, which occurs along
the MLG–PMMA interface, and yielding failure, which occur
along graphene–graphene interfaces. A theoretical model vali-
dated by the simulation data is proposed to determine the
critical number of layers Ncr of graphene that governs the
mode of failures as a function of MLG length and graphene-
polymer interfacial interactions. We find that when the num-
ber of graphene layers N ≤ Ncr, significant energy dissipation
is observed via yielding failure mode, a direct result of the
staggered arrangement of MLG. This staggered architecture
allows sliding between graphene sheets, resulting in higher
toughness compared to that of pull-out failure mode when N
> Ncr. We also find that increasing the system length L and
the interfacial interaction strength εgp between the layers will
enhance the energy dissipation of the nanocomposite, which
is a direct result of the nacre-like layer-by-layer arrangement
of hard and soft phases.

Our prediction of failure modes has important implica-
tions for designing MLG nanocomposites. In the case where
the MLG domains or “platelets” are too thick (large N) or too
short (small L), our analysis reveals two routes towards im-
proving composite toughness. The first route is to break
down the MLG into smaller assemblies such that N ≤ Ncr,
and the second route is to carry out surface functionalization
to create stronger, compatible interfaces with the polymer
matrix. Both methods activate MLG yielding as an energy dis-
sipation mechanism, which effectively maximizes the amount
of new surface area created during the failure process. Our
findings advocate the use of nacre-inspired architectures in
order to improve the strength and toughness of graphene-
based nanocomposites, while providing ideal design strate-
gies within this framework.
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